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ABSTRACT
Hydrogen atoms have a wide variety of effects on the mechanical performance of
metals, and the underlying mechanisms associated with effects on plastic flow and
embrittlement remain to be discovered or validated. Here, the reduction in the plas-
tic flow stress (softening) due to hydrogen atoms in solute-strengthened metals,
previously proposed by Sofronis et al., is demonstrated at the atomistic level. Glide
of an edge dislocation through a field of solutes in a Nickel matrix, both in the
absence of hydrogen and in the presence of H bound to the solutes, is modeled.
The “solutes” here are vacancies, enabling use of available binary Ni-H interatomic
potentials, but vacancies have a misfit strain tensor in the Ni matrix and bind Hy-
drogen atoms, and so are excellent surrogates for study of the general phenomenon.
The binding of H to a vacancy reduces the misfit volume to nearly zero but also
creates a non-zero tetragonal distortion. Solute strengthening theory is used to estab-
lish the connection between strength and solute/hydrogen concentration and misfit
strain tensor. Simulations show that when a dislocation moves through a field of
random vacancy “solutes”, the glide stress is reduced (softening) when H is bound
to the solutes. Trends in the simulations are consistent with theory predictions.
Trends of softening or hardening by H in metal alloys can thus be made by com-
puting the misfit strain tensor for a desired solute in the chosen matrix with and
without bound Hydrogen atoms. Pursuing this, density functional theory calcula-
tions of the interaction of H with Carbon and Sulfur solutes in a Ni matrix are
presented. These solutes/impurities do not bind with H and the complexes have
larger misfit strains, indicative of H-induced strengthening rather than softening for
these cases. Nonetheless, H/solute interactions are the only mechanism that, to date,
shows nanoscale evidence of plastic softening due to Hydrogen associated with the
Hydrogen-Enhanced Localized Plasticity (HELP) concept.
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1. Introduction
The detrimental effects of hydrogen atoms on the mechanical properties of metals
has been known for over a century [1]. One of the most important effects in metal
alloys based on Iron and Nickel is embrittlement [2–7], i.e. premature fracture or re-
duced ductility. Although intense scientific effort has been devoted to understanding5
different aspects of hydrogen embrittlement (HE), there is still no consensus on the
mechanisms causing the behavior, nor any general theory that can describe the many
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effects of H on metal flow and fracture. Nonetheless, there are a few theories that can
partially capture some features of HE. Hydrogen enhanced decohesion (HEDE) postu-
lates that H atoms reduce the surface energy of cleavage surfaces, reducing the applied10
stress intensity required for cleavage fracture [8–13]. A related mechanism involves
the aggregation of H around the crack tip that prevents emission of dislocations from
the crack tip, thus preventing blunting and allowing cleavage fracture to occur. This
mechanism depends on the rate of hydrogen diffusion to the crack tip, and a model that
incorporates both the crack-tip phenomenon and the H transport successfully predicts15
embrittlement in ferritic steels [14, 15]. An entirely different concept is Hydrogen-
Enhanced Localized Plasticity (HELP) [16–18], for which several mechanisms have
been postulated. The general idea in HELP is that dislocation motion or nucleation is
facilitated by H, leading to either more dislocations, more localized pile-ups, or more
extensive plastic straining around a crack tip. The connection to embrittlement is not20
direct, but macroscopic experiments show that H can lead to plastic softening and to
higher dislocation activity near crack tips or fracture surfaces. In-situ TEM experi-
ments also show that H affects dislocation motion, although the mechanisms are not
clearly identified. Sofronis and coworkers examined possible mechanisms using various
continuum models. Both experiments and theory concluded that H does not influence25
long-range dislocation-dislocation interactions, eliminating one mechanism; this was
recently supported by direct atomistic simulations [19, 20]. However, there is some ev-
idence that the presence of H atoms can have significant influences on the interaction
between pre-existing solutes and dislocations, thus modifying the plastic flow stress.
Birnbuam and Sofronis [17] performed a finite element analysis to estimate the effect30
of the H atoms on the interaction energy between interstitial carbon atoms and an
edge dislocations in Nb and found a decrease of 0.5 eV in the maximum interaction.
While no direct connection to lower flow stresses was made, a reduction would be
expected.
Many advanced engineering metals contain solutes, either for direct solute strength-35
ening or as a residual of precipitate strengthening. In both cases, there is a contribution
to the flow stress from the solutes in the matrix due to dislocation interactions with
the field of solute atoms. A recent predictive model for the finite-temperature, finite-
strain rate, solute strengthening by Leyson et al. [21–23] is a parameter-free theory
whose only inputs are the specific dislocation/solute interaction energies and assumed40
random fluctuations of the solute distribution. This theory thus provides the specific
guidance needed to connect Hydrogen-Solute interactions to solute strengthening of
the host metal. Specifically, if pre-existing solutes can bind hydrogen atoms to form
Solute-H complexes, the difference in misfit distortion between the Solute and the
Solute-H complex will change the interactions with the dislocations, and raise or lower45
the flow stress. The purpose of the present work is to clearly demonstrate this mech-
anism, in the case of softening, using direct atomistic simulations as guided by solute
strengthening theory. For simplicity in dealing with “chemical” interactions among
multiple atom types, we use vacancies (V) as the “solutes” in Ni, which enables the
use of a well-established Ni-H binary potential for the study of the Ni-H-V system.50
We show that H modifies the misfit strain tensor, and that an individual dislocation
moves through a field of V-H complexes at lower stresses than through a field of V
in exactly the same random configuration. The scaling of the effects with V concen-
tration follow the predictions of the theory, verifying the origins of the strengthening
of the vacancy solutes and the softening due to the introduction of H bound to the55
vacancies. As a preliminary step toward realistic situations, we then use first-principles
calculations based on density functional theory to study the interaction of H atoms
2
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with the pre-existing Sulfur and Carbon solutes in Ni. These cases show H-Solute re-
pulsion and increases in misfit strain tensor, thus indicating no softening, but serve
to demonstrate the approach for general H-Solute-Matrix studies. The overall results60
and analysis here provide a path for understanding softening and hardening due to H
in metal alloys.
The remainder of this paper is organized as follows. In Section 2, the theory of solute
strengthening for straight dislocations is adapted to the problem of interstitial solutes
with tetragonal misfit distortions. In Section 3, the details of atomistic simulations of65
dislocation motion through a field of vacancies and vacancies with bound H, with the
same spatial distribution of vacancies, are presented. Section 4 presents the results of
the simulations and discussion of the softening effect of H. Section 5 presents a density
functional theory (DFT) study of the interaction Carbon and Sulfur solute atoms with
H, including computation of the misfit strain tensors. A summary of our findings is70
given in Section 6.
2. Theoretical framework
The theory for solute strengthening is well-established in a sequence of recent publica-
tions [21–23]. Here, we introduce the key features and results of the theory, without a
complete derivation and generalize the theory to include tetragonal misfit distortions.75
We consider a straight edge dislocation with Burgers vector b = be1 lying along the
x3-axis in an isotropic medium with shear modulus µ and Poisson’s ratio ν contain-
ing M different types of solutes with concentrations cm (m = 1, 2, . . . ,M) distributed
randomly throughout the matrix, as shown in Fig. 1. To take advantage of local fluc-
tuations in the solute concentration that arise naturally in the random solution, the80
straight dislocation will roughen so as to move segments into local fluctuations where
the particular spatial distribution of solutes leads to a net binding, i.e. lowering of the
energy, of the solute/dislocation system (see Fig. 2). There is an energy cost to rough-
ening due to the elastic interactions of the non-straight dislocation and its increase
in length, which is captured through the dislocation line tension. The dislocation will85
thus adopt a particular configuration corresponding to a characteristic amplitude wc
and characteristic wavelength ζc that minimize the total energy of the long disloca-
tion (L >> ζc) [21–23]. The local bound dislocation segments of length ζc reside in
local energy minima of width wc, and a combination of applied stress and tempera-
ture is necessary for the segments to escape these local minima by thermal activation.90
Given the solute/dislocation interaction energy as a function of solute position rela-
tive to the dislocation, the theory predicts wc, ζc, the energy barrier ∆Eb, and the
zero-temperature flow stress τy0, from which thermal activation theory leads to the
finite-T, finite strain rate flow stress τy.
The most important feature in solute strengthening theory is the interaction energy
of a dislocation with the solute atoms. Here, we confine the analysis to elastic inter-
actions only. In the elastic case, the interaction energy is equal to the work done by
the dislocation stress field σ over a the deformation corresponding to the misfit strain
tensor ε for the solute. For a dislocation segment of length ζ located at the origin lying
in a specified random configuration of solutes, the total interaction energy is
Eint(ζ) =
∑
ijk
∑
m
s
(m)
ijk σ
(
x
(i)
1 , x
(j)
2
)
: ε(m) (1)
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with s
(m)
ijk = 1 if a type-m solute exists at position (x
(i)
1 , x
(j)
2 , x
(k)
3 ) and 0 otherwise.
Here, σ is the tensorial stress field induced by the dislocation at the location of the
solute and ε(m) is the misfit strain tensor of the solute of type m, and σ : ε = σijεij
indicates the contraction of the two tensors. If the dislocation segment glides a distance
w along the glide direction e1, the change in the interaction energy is
∆Eint(ζ, w) =
∑
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where n
(m)
ij =
∑
k s
(m)
ijk is the number of solutes type-m at an atomic row lies on a line
segment of length ζ parallel to the dislocation line passing through
(
x
(i)
1 , x
(j)
2
)
. The
key quantity in the solute strengthening model is the standard deviation of the total
interaction energy change
σ2∆Eint(ζ, w) = 〈∆Eint(ζ, w)2〉 − 〈∆Eint(ζ, w)〉2. (3)
After extensive manipulations and in the dilute concentration limit for all solute types95
(i.e. cm  1, m = 1, 2, . . . ,M) , the standard deviation of the energy change is
σ2∆Eint(ζ, w) =
ζ√
3b
∆E˜p =
ζ√
3b
∑
ij
∑
m
(
∆σ
(
x
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2 ;w
)
: ε(m)
)2
cm. (4)
The standard deviation above is the typical energy scale for binding of the dislocation
to the random solutes. From this quantity, the solute strengthening theory derives all
other quantities of interest, culminating in the finite-T, finite strain rate flow stress.
For the present atomistic study, we are interested only in the motion of a single
straight dislocation of some length ζ < ζc, which should remain straight since the
energy cost to bow out is too high. The straight dislocation is pinned in regions where
the energy is −σ∆Eint and must be thermally activated over regions where the energy
is + σ∆Eint , with these maxima and minimum being separated by wc. That is, the
single segment is envisioned as moving through an energy landscape that is locally
sinusoidal.
E(ζ, x1) =
∆E′b
2
[
1− cos
(
pix
wc
)]
− τζbx1 (5)
where ∆E′b =
√
2σ∆Eint is the energy barrier. Under an applied resolved shear stress τ
that drives the dislocation and further lowers the energy as a function of glide distance
x1, the energy landscape becomes
E(ζ, x1) =
∆E′b(ζ, wc)
2
[
1− cos
(
pix
wc
)]
− τζbx1 (6)
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Figure 1.: An edge dislocation originally lying on the x3 axis surrounded by the multiple
solutes of different types. The red and blue circles refer to two types of solute atoms.
The principal misfit strain coordinate system of the solutes are {x′(m)i }. The dislocation
glides a distance w along the x1 axis.
The zero-temperature flow stress τy0 is the stress at which the barrier in the total
energy landscape becomes zero. This is obtained analytically from Eq. (6) and is given
by
τy0 =
pi
2
∆E′b
bwcζ
= − pi
wc
√
2
(
1
ζ
√
3b3
) 1
2
√∑
ij
∑
m
(
∆σ
(
x
(i)
1 , x
(j)
2 ;wc
)
: ε(m)
)2
cm (7)
where we have substituted the expression for σ∆Eint . Eq. (7) is the theoretical result100
relevant to the simulations discussed below, providing the relationship between the
underlying solute/dislocation interaction energies, here assumed to be only elastic,
and the typical stress required to move a dislocation through a field of such solutes.
The original theory does not rely on the elasticity assumption and uses full DFT-
computed solute/dislocation interaction energies, but that is beyond the scope of the105
present work.
The misfit strain tensor of a solute or solute complex can, in general, be sepa-
rated into volumetric and deviatoric components. Written in its principal coordinate
5
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Figure 2.: Schematic diagram of a dislocation segment of length L roughened into
segments of length 2ζc with amplitude wc, due to the spatial fluctuations of the solutes
within the surrounding medium.
{
x
′(m)
i
}
(i = 1, 2, 3), the misfit strain tensor is
ε′(m) = ε′(m)d + ε
(m)
v (8)
where
ε
′(m)
d =
δV (m)
3V

2− ξ − η
1 + ξ + η
0 0
0
2ξ − 1− η
1 + ξ + η
0
0 0
2η − ξ − 1
1 + ξ + η

and
ε(m)v =
δV (m)
3V
 1 0 00 1 0
0 0 1

with δV (m)/V , the misfit volumetric strain, and ξ and η the ratios of the second
and third principal strains to the first principal strain, respectively. The stress field
induced by the dislocations can also be expressed in terms of volumetric and deviatoric
contributions as
σ(x1, x2) = σ
′(x1, x2) + p(x1, x2)
Inserting these decompositions into Eq. (7), we obtain
τ0 = − pi
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√
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V
)2)
cm
(9)
There are thus two contributions to the strengthening, a volumetric piece due to the misfit
volumes of the solutes and a deviatoric piece due to tetragonal strains. For substitutional
solutes, the deviatoric part is zero by symmetry, and was not previously considered. We note
also that the stress field entering the strengthening is the difference in stress field between the110
dislocation at wc and at the origin.
Specific results emerge by using the true stress field of the dislocation. In fcc matrices,
the edge dislocation dissociates into two partials separated by a stacking fault, and so the
6
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classical Volterra solution for singular dislocation is inappropriate. Furthermore, the value for
wc is not specified here, and emerges from detailed computations. Here, we focus not on specific115
predictions but on the major trends predicted by the model. Specifically, the model shows that
the strengthening is controlled by contributions from both volumetric and deviatoric strains,
and that the solute concentrations enter within a sum that is within an overall square-root. If
all solutes have the same concentration c, the strengthening of a straight dislocation moving
through the random field of solutes scales as c1/2; this scaling is different from that for the120
long roughened dislocation where the strength scales as c2/3 due to the difference in geometry.
The present model, with c1/2 scaling, is only appropriate for the case of short segments ζ < ζc
considered in the simulations here.
3. Atomistic Simulation Methodology
We use a simulation cell comprised of a rectangular fcc Ni lattice oriented as eˆ1 =
1√
2
[101¯],125
eˆ2 =
1√
3
[111], eˆ3 =
6√
3
[12¯1]. The dimensions of the simulation cell are L1 = 503A˚, L2 =
306A˚ and L3 = 155A˚. The simulation cell is periodic in the x1 and x2 directions and has
free boundaries in the x3 direction. Loading is then accomplished by apply a shear traction
τapp12 = τ
app to top and bottom (normal vectors +/− x3) of the specimen.
As noted earlier, we use vacancies as the “solutes” in this problem. To insert vacancies with130
desired concentrations, we randomly delete Nv = cN of the N Ni atoms in the simulation cell.
However, we do not insert any vacancies along the two atomic planes above and two atomic
planes below the dislocation (111) glide plane. This is a special restriction for the vacancies
because, unlike solutes, vacancies can have unusual interactions with the dislocation core. In
particular, randomly occurring vacancy clusters can lead to the formation of dislocation jogs,135
which are strengthening obstacles. The special exclusion of vacancies from several atomic rows
has no consequences for the form of the theory in Eq. (9) since the summation is restricted
to sites where the vacancies exist. In fact, eliminating solute/core and solute/stacking fault
interactions also makes the elastic interactions dominant. After deleting the Ni atoms, we relax
the specimen with standard conjugate gradient method [24]. For every specimen containing a140
particular spatial distribution of vacancies, we create a second specimen in which we insert one
hydrogen atom at each vacancy site and then let relax the system again. During relaxation,
the hydrogen moves to one of the symmetry-related low-energy positions associated with the
vacancy. Thus, we have two samples with identical spatial distributions of either solutes (V)
or solute-hydrogen (V-H) complexes.145
After initial relaxation, we insert an edge dislocation of Burgers vector a2 [101¯], where a =
3.52A˚ is the lattice constant, and line direction [12¯1] along the x3-axis at the center of the
specimen x1 = X0. We use the standard procedure [25] of removing the atoms with coordinates
− b2 < x1 − X0 < b/2, x3 < L2/2 from the perfect crystal followed by relaxation of the
system with the conjugate gradient method. During relaxation, a dislocation is formed and it150
dissociates into two partial dislocations with Burgers vectors a6 [1¯1¯2] and
a
6 [21¯1¯]. The geometric
details of the simulation cell are shown in Fig. 3.
The MD simulations are performed in the NVT ensemble using a Langevin thermostat [26]
and the velocity–Verlet algorithm [27] with integration time step of 1 fs. The temperature of
the system is fixed to be 10−3K since we are not probing thermally-activated flow here. The155
interatomic interactions among atoms are described using the Ni-H embedded atom method
(EAM) potential introduced by Angelo et al. [28] and modified by Song and Curtin [14]. The
shear stress is increased from τapp12 = 0 in increments of ∆τ = 1MPa. After each loading step,
MD is executed for ∆t = 30ps and then the x1-coordinate of the dislocation core, defined as
the centerline of the stacking fault between two partials, is compared to that of the previous160
step. If the incremental displacement of the dislocation core is larger than ∆d = 1.1A˚, then
the MD simulation is executed for another period of ∆t. Otherwise, the load is increased by
∆τ . During the simulation, we determine the dislocation position along the glide plane versus
the applied stress τapp. We perform loading steps until the dislocation has passed through the
entire periodic length Lx of the glide plane in the simulation cell. The applied stress τ
app at165
this point of the simulation is taken as a measure of the flow stress.
The molecular dynamics simulations are performed using the Large-scale Atomic/Molecular
7
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Figure 3.: Schematic diagram of the simulation cell containing the straight disloca-
tion and vacancies subjected to the applied shear traction. The color coding for the
atomistic picture uses common neighbor analysis (green: fcc; red: hcp indicating the
stacking fault; white: atoms having fewer than 12 nieghbors and thus surrounding a
vacancy.
Massively Parallel Simulator (LAMMPS) [29] and atomic configurations are visualized using
the Open Visualization Tool (OVITO) [30].
4. Results and discussion170
We have measured the values for the misfit strain tensor quantities (misfit volume, ξ, η) and
their principal directions for an isolated vacancy V and for an isolated VH complex for the
Ni-H EAM potential used here, as shown in Table 1. Note that the maximum principal strain
associated with VH can be oriented along one of three distinct crystallographic directions.
We consider these differently-oriented VHs as different types of solutes, since they interact175
differently with the dislocation; we denote the three types of complexes as VH(m), (m = 1, 2, 3)
with equal concentrations cm = c/3 (m = 1, 2, 3) where c is the V concentration. For the V,
the misfit strain is purely volumetric and so the interaction energy only involves the dislocation
pressure field. For the VH complexes, the volumetric term is nearly zero but the deviatoric
strains are not negligible, so that the interaction energy is dominated by the deviatoric field of180
the dislocation. Thus, there is a fundamental change in the nature of the dislocation/vacancy
interactions upon the introduction of H to form VH. Fig. 4 illustrates the angular variation
of the normalized deviatoric and volumetric components of the interaction energy density for
a V and each VH(m) complex as computed by Eqs. (10) for a singular Volterra dislocation.
Clearly, the angular dependency of the interaction energy of VH is different from that of V.185
Most importantly, the maximum interaction energy is reduced by 44% by the addition of H.
Thus, the theory predicts that Hydrogen should have a significant softening effect (lower stress
to move a dislocation) when interacting with suitable solutes. Considering that (i) a realistic
dislocation is dissociated into two partials, (ii) the largest interaction energies occur close to
the core, and (iii) the theory depends on the difference in dislocation stress field at wc and at190
the origin (with wc typically emerging as comparable to the dissociation distance), the angular
8
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dependence shown in Fig. 4 does not translate directly into a precise prediction for the change
in flow stress upon addition of H. But a softening effect is expected due to the overall reduction
in interaction energies. We next show this explicitly in the atomistic simulations.
Table 1.: Parameters describing the misfit strain tensor of each type of solutes.
solute ξ η δVV e
′
1 e
′
2 e
′
3
VH(1) 1.0 -1.7857 0.00836 [100] [010] [001]
VH(2) 1.0 -1.7857 0.00836 [010] [001] [100]
VH(3) 1.0 -1.7857 0.00836 [001] [100] [010]
V 1.0 1.0 -0.16168 - - -
0 pi
2
pi 3pi
2
2pi
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−
ν
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Figure 4.: Normalized volumetric and deviatoric parts of the interaction energy as a
function of polar angle around a Volterra edge dislocation, for different orientations of
the VH solute complexes studied here.
To demonstrate the expected softening effect of hydrogen, we study specimens with a range195
of V or VH concentrations from 0.5% to 3.5%. These are realistic concentrations for real solutes
in metal alloys, recalling that the vacancies are surrogates for solutes. The corresponding
concentration of VH complexes implies that the H concentration is 0.5% to 3.5%, which is
much higher than nominal concentrations at which H embrittlement is observed. However,
elevated H concentrations could be anticipated around crack tips. Dislocations themselves can200
transport H via “solute drag”, and so the dislocation plasticity around a crack may itself serve
as a means to provide H that can bind to solutes. Thus, our studies here, while meant to
be illustrative of the phenomenon, are within the scope of realistic material systems given
mechanisms of local enhancement of the H concentration.
Fig. 5 shows the dislocation position versus applied shear stress shear as obtained from the205
MD simulations for specimens with different concentrations of V and VH complexes. Multiple
random solute arrangements are shown for each average concentration. For each random solute
arrangement, two curves are shown corresponding to the cases without (solid lines) and with
(dashed lines) H. In every specimen, the stress at any given dislocation position is always
lower in the presence of H. That is, in every specimen, H softens/reduces the flow stress of210
that specific specimen. This is the main result of this paper.
9
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Figure 5.: Applied shear stress τapp versus dislocation glide distance d, for a several
concentrations of V (solid lines) and VH (dashed lines) solutes in fcc Nickel. Same-color
solid and dashed lines show results for the same spatial distribution of solutes.
The general occurrence of softening is independent of the glide distance. However, the step-
wise nature of the stress vs. glide distance found in all specimens requires some remarks.
The nominally straight dislocation segment encounters different random solute environments
as it glides. It will therefore get pinned at statistically stronger binding regions as it glides.215
An increasing stress is thus required to overcome each successive barrier. However, since the
distribution of barriers is expected to be Gaussian with standard deviation σ∆Eint , stronger
binding regions become increasingly unlikely. Thus, at a certain stress level, the dislocation
becomes unpinned and does not encounter any stronger-binding region in the remainder of
the sample. The statistical distribution of binding regions thus gives rise to the stochastic220
pinning and depinning, culminating in a final stage of unabated glide. In addition, variations
in the location of the pinning points between the otherwise identical V and VH specimens
arises because of the differences in spatial variations of the interaction energy, as shown for the
Volterra dislocation in Fig. (4). Specifically, the specific fluctuations in spatial V distribution
that give rise to the pinning in the presence of vacancies only are not necessarily the same as225
the fluctuations in spatial VH distribution that give rise to pinning in the presence of H.
Turning to a more quantitative assessment of the results, for comparison purposes, we
consider the maximum shear stress (the stress at which the dislocation undergoes glide through
the remainder of the specimen) as a nominal “strength” that should scale with the predicted
τy0. Based on arguments above, we expect this strength to be larger than the true strength230
of a long dislocation undergoing roughening because it corresponds to a pinning strength that
10
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scales with, but is larger than, σ∆Eint . As guided by the theory, Figure 6 shows the strength as
a function of the square root of V or VH concentration, with a linear fit at small concentrations
as a guide to the eye. At low concentrations, the measured strength scales directly with c1/2
and the samples with H are clearly statistically weaker than those without H. Thus, there is a235
distinct softening effect that scales according to the general solute strengthening theory. The
deviation from c1/2 at the highest concentration could be due to the increasing occurrence of
divacancies or other V clusters that modify the effective misfit volume of each solute, but even
here the samples with H are consistently weaker than those without H.
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Figure 6.: Shear yield stress τy0 as a function of the solute concentration.
The samples with H are approximately 40% weaker than the samples without H. This is240
comparable to the ratio of the root mean square interaction energies for the three VH types
of 37%, indicating that the interaction energy change is the dominant factor in the softening.
The theory parameter wc is, however, a function of the interaction energies as well and so, in
principle, can vary between the V and VH systems, leading to some differences in strengthening.
Prior results for solute strengthening suggest, however, that variations in wc among different245
solutes in the same matrix is modest. For instance, in an Al matrix, wc = 15.7A˚ for Mg (misfit
volume +5.7A˚
3
) while wc = 18.6A˚ for Mn (misfit volume −13.3A˚3) [31].
Our results here demonstrate, perhaps for the first time, a clear mechanism for the re-
duction of plastic flow stress due to the presence of hydrogen in a metal. This softening is
not necessarily unexpected, from the perspective of solute strengthening theory, but there has250
been no prior detailed analysis nor simulation study to firmly establish the phenomenon. The
analysis here shows, however, that softening is expected only if the overall misfit strain tensor
of the Solute-H complex is smaller than the Solute alone. H has a positive misfit volume, since
it is interstitial, and hence solutes that also have positive misfit volumes are unlikely to be
“relaxed” by the introduction of H. In general, the presence of H will likely introduce addi-255
tional tetragonal distortions, which should also generally contribute to strengthening, since the
theory shows that volumetric and deviatoric contributions are generally additive according to
a geometric rule. Since, however, the full theory requires computation of the detailed interac-
tions of the realistic dislocation structure with the Solute or Solute-H entities, out of which
also emerges characteristic length scales ζc and wc, it remains possible that softening may not260
occur even when the changes in misfit strain tensor suggest it. Nonetheless, a combination
of solute strengthening theory [21–23] and first-principles calculations of Solute and Solute-H
misfit strains can provide solid guidelines for anticipating H-induced softening in general, and
estimating the magnitude of the softening. Computation of Solute and Solute-H misfit strains
can be accomplished using moderate-sized unit cells, and so is quite feasible with modern265
computational power; we discuss this in detail in the next Section.
11
This is an Original Manuscript of an article published by Taylor & Francis in Philosophical Magazine on 2017, available at
http://www.tandfonline.com/doi/full/10.1080/14786435.2016.1263402.
5. Interaction of Carbon and Sulfur solutes with Hydrogen in Nickel
To demonstrate the general procedure for studying the energetic and mechanical interaction of
hydrogen and solute atoms, we analyze the interaction of hydrogen atoms with the pre-existing
solute/impurity atoms Sulfur and Carbon in fcc Nickel. First principles calculations are carried270
out using density functional theory (DFT) as implemented in the Vienna Ab initio Simulation
Package (VASP) [32, 33]. Exchange and correlation are treated within the generalized gradient
approximation (GGA) with the Perdew-Burke-Ernzerhof (PBE) parametrization [34]. Core
electrons are replaced by the projector augmented wave (PAW) pseudopotentials [35]. The
one-particle electronic eigenstates are calculated based on a spin-polarized plane-wave basis275
set with the cutoff energy of 500 eV and a second-order Methfessel-Paxton method [36] with 0.2
eV is used to smear the partial occupancies. For the reciprocal space integrations, a Γ-centered
Monkhorst-Pack [37] k -point sampling of 28 × 28 × 28 is used for the 4-atom cubic unit cell
and the density of this k -point mesh is kept consistent for supercells with larger dimensions.
The typical geometry of the supercells containing S substitutional and C interstitial atoms280
are shown in Fig 7. Based on the parameters mentioned above, Ni in stress-free bulk state
is predicted to have lattice constant and elastic constants of a = 3.524 A˚, C11 = 273 GPa,
C12 = 157 GPa, and C44 = 129 GPa, all close to the experimental values at 4K (C11 = 261.2
GPa, C12 = 150.8 GPa, and C44 = 131.7 GPa) [38, 39]. We also obtain a magnetic moment of
0.64 µB per atom close to the experimental value of 0.62 µB at 4K [40].285
[100]
[010]
[001]
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[100]
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(b) Ni108C
Figure 7.: Supercells containing (a) a substitutional S solute and (b) an interstitial C
solute at the octahedral site. Gray, dark blue, and orange spheres denote the Ni, C,
and S atoms, respectively.
The interaction energy of H with a solute X (X=C or S) is calculated as
EintX–H = EX–H − (EH + EX − ENi), (10)
where EX–H , EX are EH are the energies of supercells containing bulk Ni atoms with a X–H,
X, and H solutes, respectively. ENi denotes the energy of the pure Ni supercell. The interaction
energy EintX–H can be alternatively defined as EX–H -E
large, where Elarge is the energy of the
system with isolated (non-interacting) solutes X and H located far from each other. We tested
the values of EintX–H obtained from Eq. (10) against the results of the alternative formulation
obtained from supercells of 3×3×3 and 5×3×3, in which the distance between X and H are ≈
9 A˚ and ≈ 12 A˚,respectively, and good agreement is obtained between the two methods. After
introducing the solute atom(s), the ion positions are relaxed until the maximum force is less
than 1 meV/A˚ while holding the dimensions of the supercell fixed at the pure Ni dimensions.
To accurately obtain the misfit volume and misfit strain tensor, we performed calculations on
various supercell sizes by duplicating the 4-atoms unit cell to larger dimensions, m1×m2×m3.
After introducing the solute atom(s), all the ions are fully relaxed until the maximum force is
less than 1 meV/A˚ while holding the lattices of the supercell fixed at the pure Ni values (mia).
For bulk Ni, although the supercells are constructed based on the stress-free unit cell, the
stress tensors from the supercells of bulk Ni are quite small but not exactly zero. Therefore,
in the following analysis, we eliminate effects of this stress by measuring only the stress tensor
caused by the defect (i.e., σX−σNi). In Fig. 8, good linear relationships are observed between
12
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the pressure (i.e. −σ11+σ22+σ333 ) and the defect concentration. According to [23], the misfit
volume of the defect can be obtained as
δV
V
=
1
B
dp
dc
, (11)
where B = 196GPa and
dp
dc
are the bulk modulus of bulk Ni and the slope of the pressure–
concentration curve, both obtained from our DFT calculations. For the misfit strain tensor,
we choose one specific supercell, 3 × 3 × 3, for all complexes and calculate the misfit strain
associated with the measured stress state via Hooke’s Law, i.e., ε¯(m) = C−1σ. The stresses
are measured in a large cell whereas the misfit strain tensor associated with the primitive unit
cell. Thus, the measured misfit strain is converted to the true misfit strain via
ε(m) = 4m1m2m3ε¯
(m).
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Figure 8.: Supercell pressure versus concentration for different solute complexes. Solid
and dashed lines denote the cases with and without H atoms, respectively.
The computed misfit strain tensors and H-Solute binding energies are summarized in Ta-
ble 2. For S substitutional solutes, the misfit strain tensor is volumetric and positive. The
interaction energy of an H atom at octahedral site adjacent to this solute (see Fig. 9) is repul-
sive but relatively small (0.022 eV). However, the misfit volume of the S–H complex is 410%
larger than that of a single S. The S-H misfit volume is also much larger (62%) than the sum
of the misfit volumes of isolated S and H interstitials by 62%, indicating significant mechanical
distortions. The larger misfit volume with low repulsion suggests that, in the presence of the
stress field of the dislocation, H atoms could diffuse to the S atoms on the tension side of the
dislocation core, where both S and H are already favorable, and overcome the repulsive energy
to form S–H complexes which have more misfit volume and thus are more favorable at the
tensile side of the dislocation. The S–H complex also has a tetragonal distortion, indicating
that it can interact with a screw dislocation whereas the individual H and S atoms would not
(away from the screw core). To quantify the tetragonal distortion versus the volume misfit,
we define the distortion index d as the ratio of the norm of the misfit distortion tensor to the
volumetric strain tensor. Note that based on Eq. (8) the misfit strain of a tetragonal distorting
solute can be written as
ε′(m) =
δV (m)
3V
(
1− ξ
1 + 2ξ
(
2 0 0
0 −1 0
0 0 −1
)
+
(
1 0 0
0 1 0
0 0 1
))
(12)
Thus, d = 2
(
1− ξ
1 + 2ξ
)2
is the distortion index, with d = 0 corresponding to volumetric only
and d→∞ corresponding to isochoric distortion only. For the case of S–H complex d = 0.0039,
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so the volumetric term dominates. For interstitial carbon, which occupies a octahedral site,
the misfit volume is large. Adding a hydrogen interstitial on the tetrahedral site (see Fig. 9)
increases the misfit volume 47%, which is only slightly larger (11.4%) than the sum of the290
misfit volumes of a single H and C interstitials. However, the interaction energy of these two
interstitials is repulsive and large (≈ 0.73eV ), and so formation of this complex, even in the
presence of the stress field of a dislocation, is not likely. The distortion index in this case is
d = 0.012. Furthermore the principal axes of the C–H complex are not identical to the cubic
direction.295
Table 2.: Misfit strain tensor parameters for S and C atoms, and SH and CH complexes,
in Ni.
solute ξ η δVV e
′
1 e
′
2 e
′
3 E
int(eV)
H 1.0 1.0 0.2168 - - - -
S 1.0 1.0 0.0985 - - - -
SH 0.877 0.877 0.5116 [100] [010] [001] 0.022
C 1.0 1.0 0.6882 - - - -
CH 0.796 0.796 1.0082 [1¯1¯1] [11¯0] [112] 0.734
Ni
S
H
[100]
[010]
[001]
(a)
Ni
C
H
[100]
[010]
[001]
(b)
Figure 9.: Stable position of hydrogen interstitial in the vicinity of (a) a substitutional
Sulfur atom and (b) an interstitial Carbon atom. Gray, dark blue, and orange spheres
denote the Ni, C, and S atoms, respectively.
S atoms are a well-established embrittler in Ni, being attracted to the grain boundaries. Co-
segregation of S and H to the grain boundaries has been found to enhance embrittlement [41].
Thus examination of S–H complexes at grain boundaries is a natural direction for future work.
Here we simply conclude that S and H repel in the bulk lattice, and that any formation of
an S–H complex would lead to an increased misfit strain and thus strengthening, rather than300
softening. For C, co-segregation of H and C is not expected. In both cases, the misfit distortion
index is less than 0.04, whereas the V–H complexes that show softening effects have d = 338,
so misfit distortions of SH and CH do not play a significant role in hardening or softening.
6. Summary
In summary, we have demonstrated that a softening effect (reduction in the stress required305
to move a dislocation) can be caused by the interaction of H atoms with solutes in metal
alloys. The softening arises when the Solute-H complex leads to a reduction in the misfit
strain tensor, and we have used vacancies as a surrogate solute in a Ni matrix to demonstrate
the effect. The simulation results are consistent with the predictions of solute strengthening
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theory, for both the scaling of the strength versus solute concentration and the magnitude310
of the softening. These results are perhaps the first atomistic simulations to support any
mechanism for the proposed HELP theory, although connections to hydrogen embrittlement
remain to be discovered. Solute-H strengthening is also possible, and is indicated here by
detailed DFT computations for S-H and C-H complexes in Ni. Thus, this softening is not a
generic effect and will only arise in specific alloy systems. Our DFT analyses for S and C shows315
the operational path for assessing any solute of interest in any matrix materials. There are
also other possible effects of H on plastic softening or strengthening that are not considered
here. For instance, “solute drag” strengthening by relatively mobile H should serve as a generic
strengthening mechanism. H interactions that modify solute interactions in the very core of
the dislocation may lead to either softening or strengthening; assessment of such possibilities320
would require extensive multiscale simulations [42]. H might influence dislocation/dislocation
junction strengths, leading to strengthening or softening, similar to Dynamic Strain Aging in
Al alloys [43]. In most of these situations, H transport appears necessary and so assessment of
mechanisms must also address the kinetic aspects of H transport. The field thus remains rich
for exploration and with important implications for industrial applications of high strength325
metal alloys.
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